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We elucidate the mechanistic contribution of the interplay between microstructural constituents and
plastic deformation behavior of a hot rolled Fe–0.18C–10.62Mn–4.06Al–0.03Nb transformation-induced
plasticity (TRIP) steel that was characterized by excellent tensile elongation (TE) of 48%, ultimate tensile
strength (UTS) of 1012 MPa, and yield ratio of 0.58. The excellent mechanical properties were a cumulative contribution of TRIP effect, discontinuous TRIP effect, and the cooperative deformation of austenite,
δ-ferrite, and α-ferrite, such that the austenite stability dictated the ultimate mechanical properties and
the dynamic composite nature of the three stages of work hardening. More importantly, the austenite
stability was governed by the combination of intercritical annealing and tempering treatment, when
partitioning of carbon and manganese took place; an aspect supported by the simulation of intercritical
annealing condition via DICTRA. The study underscores the signiﬁcance of intercritical annealing in
conjunction with tempering as a viable route to obtain the desired mechanical properties in the new
generation of advanced high strength steels (TRIP steels).
& 2015 Elsevier B.V. All rights reserved.
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1. Introduction
It is well known that austenite plays a signiﬁcant role in obtaining excellent combination of strength and ductility in transformation-induced plasticity (TRIP) steels. The microstructure of
conventional TRIP steels consists of ferrite as the dominant phase
(55–65%), retained austenite (o20%), bainite (25–35%), and occasionally a small amount of martensite [1–3]. Recent studies [4–
8] focused on medium-Mn (5–12%) TRIP steels suggested that
superior mechanical properties can be obtained with increase in
Mn- and C-content, which increases the volume fraction of retained austenite (20–80%).
An innovative heat treatment, referred as “austenite reversed
transformation” (ART), was applied to medium-Mn steels [4–7,9–
11]. Retained austenite was obtained by successive enrichment of
Mn and C in the reversed austenite during the intercritical process.
However, ART-annealing was not applicable to the experimental
steel, and quenching and tempering (Q&T) was envisioned by us
an alternative and effective heat treatment [12,13]. Tempering is
n
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often used to relieve the residual stress. However, it generally
leads to the decomposition of retained austenite into ferrite and
cementite, which is detrimental to ductility. It was reported that
[14,15] the amount of retained austenite was decreased with increase in tempering temperature in steels containing 2 wt% Mn. A
large fraction of austenite continued to remain in Fe–0.2C–5Mn
(wt%) steel after tempering at 400 °C [16]. The decomposition
temperature of austenite increased with increasing Mn content
[17], which suggested that the thermal stability of austenite can be
enhanced by the enrichment of Mn. Thus, it is possible for austenite in the medium-Mn steels to remain stable during the tempering process. Moreover, it was observed that the precipitation of
carbides during tempering led to decrease in the austenite fraction. Thus, Al was added to medium-Mn steels, where the role of
Al was to optimize austenite stability by suppressing cementite
formation [18].
Austenite stability against mechanically-induced transformation to martensite is known to depend on chemical composition,
austenite size, austenite morphology and stress state [12,19]. MS is
the athermal martensite start temperature. The stability of retained austenite can be characterized by Msσ temperature, at which
the stress required to trigger stress-assisted transformation attains
the yield strength [20]. In the MS  Msσ temperature range, martensite nucleation on existing nucleation sites is enhanced by
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stress, i.e. stress-assisted transformation of austenite to martensite
takes place. In the Msσ  Md temperature range, martensite formation occurs on nucleation sites introduced by plastic deformation, such as slip band intersections, where strain induced transformation of austenite to martensite occurs. No transformation
takes place at temperatures higher than the Md temperature.
Therefore, austenite stability is inﬂuenced by the deformation
temperature, and accounts for the different martensite transformation mechanisms (stress-assisted or strain-induced).
From the above discussion, tempering had a signiﬁcant impact
on retained austenite content and stability. To study the effect of
mechanism of martensite transformation on mechanical properties, samples with different austenite stability were obtained by
tempering at different temperature. The objective of the study is to
elucidate the tempering effects on the mechanical properties and
deformation behavior of a hot-rolled medium manganese steel.

the quenched samples were tempered at 300 °C, 400 °C, 500 °C,
600 °C for 1 h, respectively, followed by air cooling.
Specimens of 12.5 mm width and gage length of 50 mm were
subjected to tensile tests using a universal testing machine
(SANSCMT 5000) at a constant crosshead speed of 3 mm min  1 at
room temperature. Prior to the tensile tests, the uneven surface of
the samples was polished. The samples were etched with 25%
sodium bisulﬁte aqueous solution. Microstructural examination
was carried out using scanning electron microscope (SEM), electron microprobe analysis (EMPA) and transmission electron microscope (TEM). Austenite volume fraction was determined by
X-ray diffraction (XRD) based on the integrated intensities of
(200)α, (211)α, (200)γ, (220)γ and (311)γ diffraction peaks [21].
The austenite formation and associated solute partitioning
during intercritical annealing and tempering were simulated with
DICTRA software [22] using the TCFE6 thermodynamic database
and the MOBFE2 mobility database for ferrous alloys.

2. Experimental
3. Results and discussion
The chemical composition of the experimental TRIP steel had a
nominal composition of Fe–0.18C–0.62Mn–4.06Al–0.03Nb (wt%).
The selected composition is based on the role of alloying elements
and an equilibrium thermodynamic analysis that is discussed
elsewhere [12]. A 40 kg experimental steel ingot was cast after
melting the steel in a vacuum induction furnace. The ingot was
heated at 1200 °C for 2 h, hot forged into rods of section size
100 mm  30 mm, then air-cooled to room temperature. Subsequently, the rods were soaked at 1250 °C for 2 h, hot-rolled to
4 mm thick strip, and ﬁnally air cooled to room temperature.
In order to establish appropriate heat treatment schedule, the
critical temperatures of Ac1 and Ac3 of the experimental steel
obtained by dilatometry were 585 °C and 820 °C, respectively. The
as-hot-rolled sheets were subjected to quenching and tempering
(Q&T) heat treatment for reasons discussed in the introduction
section. First, they were soaked in a high temperature furnace at
775 °C for 1 h, and then immediately quenched in water. Second,

3.1. Microstructure
The SEM micrograph of as-hot-rolled sample quenched from
775 °C is presented in Fig. 1a. Fig. 1b–e describe the microstructure
of the quenched samples that were tempered in the temperature
range of 300–600 °C. The microstructural constituents comprised
of austenite, layered δ-ferrite, and acicular α-ferrite that formed
during intercritical annealing. For clarity, the magniﬁed region of
ferrite, marked with rectangle in Fig. 1e, is presented in Fig. 1f. The
two kinds of ferrite differed in morphology, but also in microhardness (Table 1).
The variation in the volume fraction of austenite obtained from
XRD is summarized in Fig. 2c. The austenite content in the untempered sample and samples tempered in the range of 300–
500 °C was essentially similar, except for a small decrease in the
sample tempered at 600 °C. Based on the SEM micrographs and

Fig. 1. SEM micrographs of samples quenched from 775 °C and then tempered at different temperatures. (a) Untempered, (b) 300 °C, (c) 400 °C, (d) 500 °C, (e) 600 °C, and
(f) higher magniﬁcation of the boxed region in (e).
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Table 1
Microhardness of constituent phases.
Phases

Vickers hardness (HV)

δ-ferrite
α-ferrite
Austenite
Martensite

252 7 6
302 7 15
2337 10
450 7 10

XRD results, the microstructural difference between the untempered sample and the tempered samples was not signiﬁcant,
but the corresponding mechanical properties varied in a systematic manner.

Fig. 3 demonstrates excellent combinations of TE of 40–55%,
UTS of 860–1150 MPa, yield ratio of 0.45–0.72, and UTS  TE of 42–
49 GPa%, which are superior to the values reported for hot-rolled
medium-Mn TRIP steels. The ultimate tensile strength (UTS) decreased continuously with increase in tempering temperature,
whereas yield strength (YS) and total elongation (TE) increased
with increase in tempering temperature. The decrease in UTS as a
function of tempering temperature was estimated using Eq. (1).
Eq. (1) has been proven to provide an estimate of the tensile ﬂow
stress of multiphase TRIP steels [5,23–26]:

σ = fα σα + fγ σγ + fm σm

where sα, sγ, sm are the ﬂow stresses and ƒα, ƒγ, ƒm are volume
fraction of ferrite, austenite and martensite, respectively. It is
pertinent to indicate that martensite was obtained during tensile
straining because of TRIP effect, and was absent in the original
microstructure (Fig. 1). Inserting the fraction of each phase in Eq.
(1). The estimates for sα, sγ, sm are 1045 MPa, 520 MPa and
1990 MPa, respectively. The sm has a signiﬁcantly higher value
than sγ. Thus, from Eq. (1) and XRD data (Fig. 2c), it is inferred that
the sample tempered at lower temperature would have a higher
UTS and is related to higher fraction of transformed martensite
during tensile test. This further suggests that austenite stability
was enhanced with increase in tempering temperature. In the
attempt to quantify this behavior, Eq. (2) was used [5,27,28]:

fγ = fγ0 exp ( − k ϵ)

3.2. Mechanical properties

(1)
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(2)

In Eq. (2), ƒγ0, ƒγ and k are the initial austenite fraction, the
austenite fraction at strain ε, and the mechanical stability of austenite, respectively. A higher value of k corresponds to a higher
driving force for transformation and lower austenite stability.
Fig. 4 is a plot of parameter k with tempering temperature. It is
clear that the value of k decreased with increase in tempering
temperature, implying higher austenite stability.
It was previously reported that YS decreased with tempering
temperature [29] or was insensitive to tempering temperature
[15,30]. To understand the underlying reasons for improvement in
YS in the present case (Fig. 3a), two different mechanisms are
considered, namely, stress-assisted transformation and strain-induced transformation. The untempered sample with  80%

Fig. 2. XRD patterns and measured austenite fraction in undeformed and fractured samples tempered at different temperatures. (a) XRD patterns of undeformed samples,
(b) XRD patterns of fractured samples, and (c) measured austenite fraction.
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Fig. 3. Mechanical properties of tempered samples as a function of tempering temperature. (a) YS and UTS, (b) yield ratio, (c) TE, (d) UTS  TE. (YS: yield strength, UTS:
ultimate tensile strength, TE: total elongation).

Fig. 4. The plots of k parameter of quenched samples tempered at different
temperatures.

austenite is quite similar in behavior to a homogenous austenitic
TRIP steel. It is reported in these steels that if the tensile test is
performed below the Msσ temperature, the martensitic transformation is the dominant deformation mechanism and yielding is
not controlled by slip but by martensitic transformation [31,32].
According to the study by Olson and Azrin, for the stress-assisted
mechanism, the martensite fraction vs ε plots are initially linear,
while they are sigmoidal when the mechanism is strain-induced
transformation [33]. Thus, from Fig. 5, it is inferred that the operating mechanism in the untempered sample is stress-assisted,
while the sample tempered at 600 °C (henceforth referred as 600T
sample) undergoes strain-induced transformation. Thus, the observed yield strength of 535 MPa for the untempered sample is the

Fig. 5. Variation of martensite fraction as a function of true strain for untempered
sample and quenched sample tempered at 600 °C (600T sample).

stress required to initiate stress-assisted transformation. With increasing tempering temperature, austenite became more
stable (by Mn and C partitioning) and the stress required to initiate
the martensitic transformation (yield strength) was increased as
indicated in Fig. 3a.
Comparing the austenite content of the undeformed samples
with that of the fractured samples (Fig. 2c), it is clear that the TRIP
effect waned with increase in tempering temperature. However,
the TE increased with tempering temperature. Fig. 6 describes the
microstructure of the untempered sample and 600T sample prior
to and after tensile straining. On comparing the microstructure of
undeformed samples with fractured samples, in the untempered
sample, the majority of austenite was transformed into martensite; while in 600T sample, a large fraction of austenite continued
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Fig.6. SEM micrographs of (a, c) untempered sample and (b, d) quenched sample tempered at 600 °C prior to and after tensile test. As shown in (c) and (d), martensite was
present in the fractured samples. (M: martensite, A: austenite).

to be present, consistent with the XRD data (Fig. 2c). Comparing
the microstructure of the two fractured samples, in 600T sample,
it was obvious that δ-ferrite was considerably squeezed by
transformed martensite and deformed austenite during tensile
straining. Similarly, it is clear that α-ferrite (marked with oval
circle) was squeezed to ﬁll up the intermediate space and appeared to spill over. A close examination revealed that some austenite grain boundaries (marked with rectangle) were severely
deformed. Thus, in 600T sample, signiﬁcant deformation occurred
in austenite, δ-ferrite and α-ferrite occurred during tensile
straining. Therefore, the cooperative deformation of austenite, δferrite, and α-ferrite was contributed to the improvement in
ductility. In the untempered sample, where majority of austenite
transformed to martensite, i.e., TRIP effect contributed to ductility.

for the discontinuous TRIP effect [35,37]. Moreover, the ﬂuctuations in stage 3 diminished with increase in tempering temperature. It is inferred that not only the austenite stability was enhanced, but also the amount of austenite with similar stability was
increased. The relationship between work hardening ability and
austenite stability can be further elucidated through the interrupted tensile tests.
Fig. 8 shows the variation in volume fraction of austenite as a
function of engineering strain measured by XRD for the untempered sample and 600T sample. The volume fraction of austenite decreased with strain in both the samples, but in different
manner. The work hardening rate is derived by differentiating Eq.
(1) with respect to ε.

3.3. Deformation behavior and austenite stability

dσ γ
df
dσ
dσ
dσ
= fα α + fγ
+ fm m + m (σm − σγ )
dϵ
dϵ
dϵ
dϵ
dϵ

Work hardening rate (WH) of the untempered sample and the
quenched sample tempered at 400, 500, 600 °C (referred as 400T,
500T and 600T sample) are presented in Fig. 7. It is obvious that
the samples exhibited three stages of work hardening rate (WH).
In all the samples, WH decreased rapidly in stage 1, while it varied
with tempering temperature in stage 2. WH of the untempered
sample increased at a fast rate, which is similar to other mediumMn steels [5,34–36]. The work hardening ability begins to weaken
with increase in tempering temperature. In the case of 500T
sample, WH increased near horizontally, and for 600T sample, it
decreased slowly in stage 2. It is obvious that the stage 3 of WH
was characterized by serrations, which was attributed to the discontinuous TRIP effect described in our previous study, and it was
further revealed that austenite with different stability accounted

For 600T sample, only a small amount of austenite (  7%)
transformed into martensite at the engineering strain of 0.07,
corresponding to WH of  2450 MPa. In contrast, about 13% of
austenite transformed into martensite at similar strain in the untempered sample, corresponding to a WH of  2350 MPa. Though
higher fraction of transformed martensite developed in the untempered sample, the WH was lower than the 600T sample. Thus,
austenite with low stability transformed at a small strain contributed little to WH.
In stage 1 (0 o ε o0.06), deformation mainly occurred in austenite and ferrite, and the stress produced in the transformed
martensite can be regarded as interior stress in austenite. Thus, it
is deduced that sm ¼sγ and dsm /dε E0. The WH in the initial
stage of deformation corresponds to dislocation hardening in

(3)
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Fig.7. Work hardening rate of quenched samples tempered at different temperatures. (a) Untempered, (b) 400 °C, (c) 500 °C, and (d) 600 °C.

Fig.8. Variation in austenite fraction in untempered sample and quenched sample
tempered at 600 °C (600T sample) subjected to interrupted tensile test.

df
dσ
dσ
≈ fm m + m (σm − σγ )
dϵ
dϵ
dϵ

ferrite and austenite,

dσ γ
dσ
dσ
≈ fα α + fγ
dϵ
dϵ
dϵ

Fig. 9. The differentiation of martensite fraction as a function of true strain.

(4)

The ferrite with higher microhardness than austenite (Table 1),
and 600T sample had higher ferrite fraction of 26% than the untempered sample (21%), which are responsible for the higher WH
in 600T sample at strain of 0.06.
With increase in strain, the work hardening contribution of
austenite and ferrite was decreased after stage 1 and the work
hardening contribution of martensite increased with increase in
strain. In the untempered sample, in stage 2 (0.06 o ε o0.14), ƒm
increased rapidly (as shown in Fig. 4) with increase in strain, thus,

(5)

Inserting sγ ¼ 520 MPa, sm ¼1990 MPa, dsm/dε E0 and dfm
/dε ¼2.7 (Fig. 9) at strain of 0.14, the calculated WH was 3969 MPa,
which agrees well with the WH of 3780 MPa in Fig. 7a. In 600T
sample, in stage 2 (0.06o ε o0.15), ƒm increases gently with increase in strain, and the corresponding value of dfm/dε was 1.1 at
strain of 0.15. Thus, the WH could be estimated in a similar
manner was 1617 MPa, which agrees well with the WH of
1554 MPa in Fig. 7d.
Based on our recent studies [35,37], the ﬂuctuation in stage
3 resulted from discontinuous TRIP effect because of the presence
of austenite with different degree of stability. As the ﬂuctuations
decreased with increase in tempering temperature (Fig. 7), the
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Fig. 10. SEM micrographs of (a) untempered sample and (d) quenched sample tempered at 600 °C. (b, c) and (e, f) are corresponding carbon and manganese concentration by
EPMA.

amount of austenite with similar stability was increased. On the
basis of the aforementioned discussion, the diffusion of alloying
elements accounts for the observed behavior. The concentration of
C and Mn was more uniform in austenite, and is attributed to
adequate diffusion of C and Mn with increase in tempering temperature, and was further conﬁrmed by EMPA.
Fig. 10 shows the distribution of C and Mn concentration in the
untempered sample and 600T sample. In the untempered sample,
it was obvious that the lath-type austenite had higher carbon
concentration but lower Mn content than the adjacent blocky
austenite (Fig. 10b and c). Moreover, carbon was found to be enriched at the grain boundaries (as marked by arrows in Fig. 10b). In
600T sample, it was clear that the distribution of carbon was more
uniform than the untempered sample. Furthermore, the lath-type
austenite had Mn-concentration similar to the adjacent blocky
austenite, as marked with rectangle in Fig. 10f. Comparing Fig. 10c
with f, we can deduce that Mn diffused from the blocky austenite
to the lath-type austenite during tempering. Consequently, it was
inferred that the diffusion of Mn and C was greater in austenite
and ferrite grains with increase in tempering temperature, which
enhanced the stability of austenite. In the attempt to clarify the
partitioning behavior of Mn and C during intercritical annealing
and tempering on austenite stability, simulations using DICTRA
software were conducted.

Fig. 11. Initial conditions implemented in DICTRA. The results from intercritical
annealing model were used as input in the tempering model.

3.4. Simulation
A single cell planar geometry was employed, as shown in
Fig. 11, with domain size equal to 0.55 μm corresponding to onehalf the measured ferrite-to-austenite mean distance (center to
center), as depicted in the micrograph of Fig. 1a. To simulate intercritical annealing, a thin austenite region, 50 nm size, was attached to the left of the ferrite region. The two regions were discretized with a linear grid possessing a higher density of grid
points at the interface. The initial composition of the austenite
slice and ferrite regions was considered equal to the nominal alloy
composition. Identical single cell geometry was used for the simulation of tempering, however with different initial conditions.
The volume fraction of austenite and the composition of austenite
and ferrite correspond to the results of the intercritical annealing
simulation at 775 °C for 3600 s. In other words, the results of intercritical annealing simulation were used as initial conditions for
tempering simulation. Zero ﬂux boundary conditions (closed system) were considered as the upper and lower boundaries of the
system. Throughout the simulation local equilibrium (LE) conditions were imposed. Given that TEM indicated that austenite before tempering exhibited a high dislocation density, thus, in the
case of calculations for tempered samples, the dislocation density
effect on the diffusion coefﬁcient was taken into consideration. In
DICTRA, this is possible by (a) modifying the bulk mobility with a
reduction in activation energy to 80% the value for bulk diffusion
and (b) by taking into account a contribution proportional to ρb2,
where ρ is the dislocation density and b the Burgers vector. A value
of ρ ¼109 mm  2 was adopted in this work.
Solute partitioning after intercritical annealing and followed by
tempering at 600 °C are depicted in Fig. 12a for manganese and
Fig. 12b for carbon, respectively. After intercritical annealing there
was a slight enrichment of austenite in both manganese and carbon, while the interface position corresponds to 0.79 austenite
volume fraction, which compared well with the measured volume
fraction of 0.79 from the XRD data of Fig. 2c for the untempered
condition. Two effects were observed after tempering at 600 °C.
The ﬁrst is a short retraction of the interface, corresponding to the
reduction of the austenite fraction to 0.74, which also compared
well with the measured fraction of 0.74 from the XRD data
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Fig. 12. Proﬁle of (a) Mn and (b) carbon after intercritical annealing at 775 °C for 1 h (red dotted line) and tempering at 600 °C for 1 h (black line). (For interpretation of the
references to color in this ﬁgure legend, the reader is referred to the web version of this article.)

Fig. 13. Proﬁle of (a) Mn and (b) carbon after intercritical annealing at 775 °C for 1 h (red dotted line) and tempering at 500 °C for 1 h (black line). (For interpretation of the
references to color in this ﬁgure legend, the reader is referred to the web version of this article.)

(Fig. 2c). The second effect is further enrichment of austenite in
both manganese and carbon for at least half the grain diameter,
while in the rest of the grain the composition proﬁle did not appreciably change relative to intercritical annealing. This substantial
enrichment can explain the enhanced stability of austenite depicted in Fig. 8. Corresponding results for tempering at 500 °C are
shown in Fig. 13a for manganese and Fig. 13b for carbon. The
austenite fraction was reduced after tempering to 0.75, which is
consistent with the measured fraction of 0.78 from the XRD data
(Fig. 2c). The manganese and carbon enrichment was not extended
to the level as in 600 °C tempering and was more conﬁned to
austenite/ferrite interface. This led to lower austenite stability relative to 600 °C tempering, in agreement with the data of Fig. 2c.
Combining Figs. 12 and 13, it is inferred that due to enhanced
diffusing ability, the distribution of Mn and C in austenite becomes
uniform with increase in tempering temperature, which are in
qualitative agreement with the EPMA results of Fig. 10, leading to
decrease in ﬂuctuations in stage 3 of WH (Fig. 7).

4. Conclusions
The effect of intercritical annealing and tempering temperature
on the mechanical properties and deformation behavior of hot
rolled Fe–0.18C–10.62Mn–4.06Al–0.03Nb TRIP steel was studied.
The conclusions are as follows.

(1) The ultimate tensile strength decreased with increase in
tempering temperature and was associated with waning TRIP
effect. However, the total elongation increased with increase
in tempering temperature, and was attributed to the enhanced
contribution from the cooperative deformation of austenite, δferrite, and α-ferrite during tensile straining.
(2) The martensite transformation mechanisms (stress-assisted or
strain-induced) accounted for the variation in yield strength.
The untempered sample was characterized by stress-assisted
transformation, and the observed yield strength of 535 MPa is
the stress required to initiate stress-assisted transformation.
With increasing tempering temperature, austenite became
more stable and the stress required to initiate the martensitic
transformation (yield strength) was increased. For 600T sample, the transformation was strain-induced.
(3) The observed three-stage work hardening behavior was explained via the dynamic composite nature of the steel. The
deformation of ferrite and austenite governed stage 1, and
austenite with low stability that transformed in the initial
stage had little contribution to WH. The enhanced WH in stage
2 was related to continuously transformed martensite. Moreover, the distribution of Mn and C in austenite became uniform, leading to decrease in ﬂuctuations in stage 3 of WH.
(4) Tempering temperature had little effect on austenite fraction,
but it signiﬁcantly increased the austenite stability with increase in tempering temperature, which mainly resulted from
the enhanced diffusion of Mn and C to the austenite grains and
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austenite/ferrite grains. The theoretical simulation on partitioning of alloying elements was consistent with the experimental results.
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